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The tensile fractography of an AI-20Si-3Cu-1 Mg alloy consolidated from rapidly solidified 
powder by extrusion has been investigated using optical and electron microscopy, and related 
to the processing conditions as well as the tensile behaviour of the alloy at room and elevated 
temperatures. The alloy studied shows distinct fracture features owing to the presence of 
dispersed silicon crystal particles with a bimodal distribution in size and of prior powder 
particle boundaries in the extrudate. It has been found that at room temperature cracks initiate 
by cracking the primary silicon crystal particles. Crack propagation occurs along the interfaces 
between the eutectic silicon crystal particles and the matrix and also between the prior powder 
particles, where microvoids are formed by the interfaciat decohesion. At 300 ~ C, the fracture of 
the alloy involves microvoid nucleation, growth and coalescence at the interfaces between the 
silicon crystal particles and the aluminium matrix and between the prior powder particles. It 
has also been observed that the fractographic features of the alloy correspond well to the 
processing conditions including extrusion temperatures and subsequent heat treatment. The 
importance of minimizing the coarsening of the silicon crystals in processing in order to use 
the full strength potential of the alloy investigated is emphasized. 

1. I n t r o d u c t i o n  
Aluminium alloys with high silicon contents produced 
via the rapid solidification and powder metallurgy 
(RS-PM) route are regarded as a very important alloy 
system potentially for use in automobile, electric and 
aircraft industries [1-8]. One of the advantages that 
the rapid solidification brings about is the fine dis- 
persion of silicon crystals in the aluminium matrix, 
thus providing the possibility of producing alloys for 
high-performance applications. In contrast, conven- 
tional ingot metallurgy generally gives rise to large 
silicon crystals which easily crack under low stresses, 
thus resulting in a premature failure of the material. 
Since the introduction of the rapid solidification 
technique to these alloys, a number of previous investi- 
gations have been focused on atomization and con- 
solidation techniques [9, 10]. No effort, however, has 
been directed to the study of the fracture behaviour of 
the consolidated powder alloys. 

In the RS-PM hypereutectic A1-Si alloys having 
undergone hot consolidation, there are two kinds of 
silicon crystal particles dispersed in the aluminium 
matrix, the primary and the eutectic. The primary 
silicon crystal particles are block-like with a size 
around 5/~m. The eutectic particles are massive in 
quantity and granular in shape with a size of about 
1 #m. They form a so-called bimodal distribution of 
hard second-phase particles in a ductile matrix. The 
fracture mechanisms of these alloys are beyond the 

general description of fracture modes for common 
aluminium alloys. They mainly depend upon such 
metallurgical factors as: (1) the size and distribution of 
the silicon crystal particles, (2) the cohesion between 
the silicon crystal particles and the matrix, and (3) the 
ease with which the particles crack [11, 12]. Obviously, 
all these factors are related to the processing con- 
ditions of the alloys, most noticeably solidification 
rate, consolidation temperature and subsequent heat 
treatment. A further complicating factor in the frac- 
ture of the PM A1-Si alloys is added by the oxides 
which are present on prior powder particle boundaries 
(PPBs). These oxides are formed during atomization 
and subsequent handling in an oxidizing atmosphere, 
and fragmented during consolidation. The effect of 
the PPBs with the fragmented oxides on the mechani- 
cal properties and fracture behaviour of other PM A1 
alloys is controversial [13-18]. Clearly, the influence of 
the PPBs depends on oxidation degree, oxide proper- 
ties, powder particle characteristics and processing 
conditions. Therefore, it is of particular importance to 
understand the fracture behaviour of the A1-Si alloys 
processed via the newly developed RS-PM route, 
which principally governs the mechanical properties 
and service life of the alloys. 

The objective of the present work was to evalu- 
ate and characterize the fracture mechanisms of the 
PM silicon-dispersed aluminium alloys as a function 
of post-atomization processing conditions and service 
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temperatures. Optical, scanning electron (SEM) and 
transmission electron (TEM) microscopy were used in 
the investigation. 

2. Experimental procedure 
2.1. Raw material 
An AI-20Si-3Cu-IMg alloy was chosen as a repre- 
sentative one in the silicon-dispersed atuminium alloy 
system for this study. The chemical composition of the 
alloy was 20% Si, 3.1% Cu, 1.3% Mg, 0.3% Fe(wt) 
and balance aluminium. The powder of  the alloy was 
air atomized at a cooling rate of 104 to 10 6 K sec- i. The 
morphology of  the powder particles was, in the major- 
ity, tear-drop shaped. This shape is believed to be 
caused by the oxide film formed on the surfaces of 
atomized droplets [19]. The powder particle size varied 
from 5 to 150#m with a median size of 20 to 30#m, 
measured by means of image analysis (Joyce-Loeb). 
The microstructure of the atomized powder was very 
fine with the silicon-crystal sizes ranging between 1 
and 8 #m. Auger electron spectroscopy revealed that 
the powder particles were covered by aluminium- and 
magnesium-rich oxides with an average depth of 40 to 
43 nm [20]. 

2.2. Processing 
The atomized powder was first cold compacted to a 
density of about 65% and degassed. Consolidation by 
hot extrusion was then performed at a reduction ratio 
of 20: 1, at a ram speed of  5mmsec-~ and at the 
temperatures between 325 and 475~ In order to 
examine the effect of heat treatment subsequent to 
the extrusion on tensile and fracture behaviour, the 
as-extruded material was investigated and compared 
to the heat-treated, although the alloy is usually con- 
sidered to belong to the heat-treatable aluminium 
alloy systems. A standard T6 temper treatment was 
applied to a part of the extrudate. The T6 temper 
involved a solution treatment at 470~ for 1.5h 
followed by quenching in water, a natural ageing for 
4 d and an artificial ageing at 120~ for 24 h. 

2.3. Tensile t es t s  
Specimens coaxial with the extrusion direction were 
machined. Their gauge length was 30 mm and diameter 
was 6mm. The tests were conducted at both room 
and elevated temperatures on the specimens in the 
as-extruded and as-T6 tempered conditions, using 
a Tira test 2300 machine equipped with a micro- 
processor. The initial strain rate used was 5.6 x 
10-3sec I For  the elevated temperature tests, a split 

T A B L E  I Tensile-testing results of  the PM 

furnace was fitted on to the machine. Two thermo- 
couples were placed in touch with the specimen necks. 
Before testing, the specimens were exposed to their 
testing temperatures (100, 200 and 300 ~ C) for 100 h in 
order to evaluate their thermal stability. 

2.4. Fractographic examination 
Fracture surfaces were first examined visually, and 
then with optical and electron microscopy. Metallo- 
graphic specimens were carefully prepared on the 
longitudinal sections of fracture surfaces, etched 
by a modified form of Keller and Wilcox's reagent 
(2% HC1-4% HNO 3 -1% HF-H20) .  Observation was 
made on a Neophot-2 microscope. SEM specimens 
for the observation of fracture morphology were 
plated with gold to prevent charging of  oxides, and a 
Jeol JXA 50A microscope was employed. For  the 
identification of second phase, a Tracor (NS 880) 
X-ray energy dispersive system (EDS) attached to the 
SEM was used. TEM specimens were finally thinned 
with an ion mill. A Philips EM-400 microscope with 
energy dispersive analysis of  X-ray (EDAX) was used 
to assist the investigation. 

3. Results and discussion 
3.1. Tensile tests 
The results of tensile tests at room temperature and 
300~ are summarized in Table I. For  all the speci- 
mens in both the as-extruded and as-T6 tempered 
conditions, tested at and below 200 ~ C, stress-strain 
curves did not exhibit a well-defined yield point. It is 
important to note that fracture at room temperature 
occurred suddenly while the material was work- 
hardening, before the attainment of a peak strength, 
as shown in Fig. 1. This indicates that the material 
failed prematurely before reaching its intrinsic strength. 
The elongation at fracture was very low, and no 
appreciable necking was observed. The fracture plane 
was perpendicular to the tensile direction. At 300 ~ C, 
necking with a considerable percentage of plastic 
elongation prior to fracture occurred. 

From Table I, it can be seen that in general both the 
0.2% proof  and ultimate tensile strengths varied with 
the extrusion temperature, being lower at a higher 
temperature. The reason for this is that a higher extru- 
sion temperature brought about more coarsening of the 
dispersed silicon crystals as well as of the aluminium 
matrix microstructure. Particularly at the extrusion 
temperature of 475 ~ C, the strength of  the extrudate 
was reduced, because the adiabatic heating detri- 
mentally coarsened microstructure. It is also noticeable 

alloy at room temperature and at 300~ 

Extrusion Specimen 
temperature state 
Cc) 

UTS (MPa) 0.2% PS (MPa) Elongation (%) 

RT 300~ RT 300~ RT 300~ 

325 extruded 369 140 
350 extruded 354 122 
400 extruded 360 140 
450 extruded 322 105 
475 extruded 310 102 
325 tempered 401 101 
400 tempered 430 106 

288 126 2~8 20 
265 110 3.7 22 
262 120 3.9 21 
237 96 3.9 30 
249 95 1.7 18 
328 96 3.4 17 
321 98 3.7 18 

RT = room temperature, UTS = ultimate tensile strength, 0.2% PS = 0.2% proof  strength. 
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Figure 1 Stress-strain characteristics of the extruded alloy at dif- 
ferent testing temperatures. 

from Table I that the effect of the extrusion tem- 
perature on the tensile properties of the alloy was not 
as~'strong after the T6 temper as in the as-extruded 
state. This can be explained by the fact that the sub- 
structure in the aluminium matrix created during 
extrusion was eliminated by the heat treatment. 

The strength of the material decreased with the 
testing temperature. The influence of the extrusion 
temperature on strength diminished with rising test- 
ing temperature, at 300~ in particular, where 
the balance between strain hardening and dynamic 
restoration dominantly governed the strength of the 
alloy. It is interesting to find that above 200~ the 
as-T6 tempered strength did not show any increase 
over the as-extruded; that on the contrary the latter 
was higher. The T6 temper has, nevertheless, been 
regarded as a normal treatment applied to the 
material. The finding implies that the necessity of 
employing the T6 temper for the material used at high 
temperatures is doubtful. The explanation of this 
result will be given later with the help of fractographic 
analysis. 

3.2. Macrofrac tography 
The alloy tested at and below 200 ~ C, exhibited a 
topographical feature of a chevron pattern with a 
diverging point at the origin of fracture. The fracture 
origin was exclusively located at the edge of the 

specimens, irrespective of the extrusion temperatures 
and alloy state (as-extruded or as-T6 tempered). The 
fracture surfaces were flat and perpendicular to the 
tensile axis. This suggests that the fracture initiated at 
the origin and then propagated quickly along the 
chevron lines from one side of the specimen to the 
other. Macroscopically, the fracture appears to belong 
to a pure brittle pattern. For the specimens fractured 
at 300 ~ C, the crack initiation site was not observable, 
and fracture surfaces were more ragged when com- 
pared to those at the lower temperatures. It implies 
that the fracture at this temperature may be classified 
as a ductile type. 

3.3. Microfractography 
3.3.1. At room temperature 
The observation of the tensile fracture surfaces of the 
alloy in the as-extruded state and tested at room tem- 
perature revealed a peculiar morphology, which is 
difficult to classify according to the commonly-used 
definitions of fracture types. Figs 2a and b show the 
SEM fractographs taken at the origin of fracture from 
the alloy extruded at 325 and 450 ~ C, respectively, by 
tracing back along the chevron lines on the fracture 
surfaces. It can be seen that there are some facets 
similar to cleavage in the region near the edge of the 
specimens. These are definitely the crack initiation 
sites. Obviously, this feature is different from that of 
other aluminium alloys, from which the cleavage-like 
appearance normally cannot be observed. 

In the remaining part of the fracture surfaces there 
are extremely fine, shallow microvoids with a uniform 
size. It is found that the microvoids are associated 
with the small particles having a size of about 1/~m. 
Moreover, the centre-to-centre distance between two 
particles correlates well with that of two microvoids. 
Fig. 3 shows the TEM analysis with EDAX, indicat- 
ing that the small particles are silicon-based with a 
certain amount of copper (referred to as the eutectic 
silicon crystal particles hereafter). The presence of the 
facet-like feature and the microvoids on the fracture 
surfaces indicates that both the conditions which 
favoured the occurrence of ductile and brittle frac- 
tures coexisted in the material. 

SEM at low magnifications presents the important 

Figure 2 SEM fractographs taken at the fracture origin from the specimens extruded at (a) 325~ and (b) 450~ and tested at room 
temperature, showing a mixed fracture appearance. 
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Figure 3 (a) TEM image and (b) EDAX spectrum of the small, eutectic silicon crystal particles. 

information that in the vicinity of the fracture origin, 
there are depressed regions which correspond to the 
tips of the prior powder particles elongated during 
extrusion, as indicated by arrows in Fig. 4. This implies 
that a process of pulling apart of the prior powder 
particles could be involved in the fracture of the con- 
solidated powder material. This phenomenon was also 
observed in other PM aluminium alloys [14, 16]. It can 
be easily understood that defects or inclusions like 
oxides, in spite of having been fragmented during 
extrusion, were situated on the PPBs. During the 
tensile test, locally inhomogeneous plastic flow of the 
aluminium matrix could arise around these oxides, 
resulting in stress concentrations. Debonding might 
then take place at some PPBs where the interparticle 
bonding was relatively weak, to relieve the concen- 
trated stress. This facilitated the crack propagation 
along the debonded PPBs. It is therefore clear that 
debonding at the PPBs is partially responsible for the 
low elongation and early failure of the material. 

Figs 5a and b show the optical fractographs of the 
material processed and tested under the same con- 
ditions as the above. It can be seen that microvoids are 
formed around the eutectic silicon-crystal particles, 
implying that no significant growth and coalescence 
took place before fracture. This evidence Confirms 
that the eutectic silicon crystal particles ,with a high 

volume fraction caused the fracture surfaces with the 
"dimpled" appearance. On the optical fractographs 
(Fig. 5) the bimodal distribution of second-phase 
particles is clear. The cracking of the relatively large, 
block-like particles with an average size of 5/~m is 
visible (indicated by arrows), around which large 
voids are located. The identification of these particles 
was made by means of SEM with EDS (Fig. 6), 
revealing that ,the block-like particles are silicon-rich 
(referred to as the primary silicon crystal particles 
hereafter). The metallographic examination of an 
unbroken specimen showed that the cracking of these 
primary silicon crystal particles played an important 
role in the fracture process of the alloy. The con- 
centrated stress at the primary particles reached such 
a high level that at a relatively low mean tensile stress 
local strain energy was sufficient for the generation of 
new crack surfaces. 

The above evidence suggests the following fracture 
mechanisms successively operating in the PM material. 
Shortly after the occurrence of plastic flow during 
tensile testing, large stress concentrations are first 
generated at the relatively large, primary silicon crystal 
particles. As the massive, dispersed silicon crystal 
particles embedded in the aluminium matrix greatly 
restrict the mobility of dislocations, they prevent the 
relief of these stresses. The cracking of the primary 

Figure 4 SEM fractographs at tow magnifications, illustrating the depressed regions on the fracture surfaces, resulting from the debonding 
at the prior powder particle boundaries. Extrusion temperature: (a) 325~ and (b) 450~ 
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Figure 5 Optical fractographs on the longitudinal sections of the specimens extruded at (a) 325 ~ C, and (b) 450 ~ C, showing the cracked 
primary silicon crystal particles and the decohesion around the eutectic silicon crystal particles. 

silicon crystal particles then occurs in a cleavage 
manner. But the crack tip is blunted by the eutectic 
silicon crystal particles, which prevents a further 
cleavage. With the increase of tensile stress, microvoids 
are initiated at the eutectic silicon crystal particles by 
interfacial decohesion. At the same time, because the 
concentration of oxides at the PPBs is higher than that 
in the interior, microvoids also nucleate at the PPBs. 
Upon the onset of a crack at a place close to the edge 
of the specimen, it quickly propagates by linking the 
cracked particles, the decohered interfaces and the 
debonded PPBs which are nearly coplanar. The mech- 
anisms proposed above are schematically described in 
Fig. 7, which explains well the tensile behaviour of 
the PM alloy studied. Clearly, the cracking of the 
primary silicon crystal particles is a main cause for 
the curtailed ductility and strength of the material. 
Therefore, production and retention of fine primary 
silicon crystals in the whole processing route is of the 
utmost importance for obtaining a high strength with 
adequate ductility of the PM alloy. 

Comparison of Figs 2 and 5 indicates that the size 
of microvoids is directly related to the silicon crystal 
size and density, and therefore to the cooling rate 
during powder production and extrusion temperature 
during consolidation. The microvoid size is basically 
controlled by the number of activation sites and 

required stress for the microvoid nucleation. It is 
known that the void nucleation occurs first at large 
particles in view of the accumulation of a critical 
dislocation density [21]. The stress, ac, required for 
void nucleation is proportional to the inverse square 
root of the particle size 

ao = K R  1/2 

where Kis a constant and R is the particle radius. Thus 
the silicon crystal particles with a smaller size are 
more resistant to decohesion with the aluminium 
matrix. The material with the smaller silicon crystal 
particles needs a higher tensile stress to initiate micro- 
voids and therefore exhibits a higher strength. This 
result stresses the importance of preventing the 
growth of the silicon crystals during extrusion by 
using a relatively low extrusion temperature, provided 
that this is allowed by the power capacity of the 
extrusion press [22]. 

Figs 8a and b show the SEM fractographs of the 
T6-tempered material. The fracture surfaces are com- 
posed of numerous microvoids and a few large dimples 
which are associated with the primary silicon crystal 
particles. Apparently, the microvoid size in Fig. 8 is 
larger than that in Figs 2a and b. This was undoubtedly 
caused by the coarsening of the silicon crystals during 
the T6 temper. The enhanced strength of the T6- 

Figure 6 SEM fractograph with EDS spectrum of the aluminium matrix and the large, primary silicon crystal particles. 

4545 



:.. 9. .~'L..ff ~*. ':t 

tensile 
stress 

"'~ I~ ' �9  

PPB s " 0 " ' , ' : I  

/ 

elongated prior 
powder particles 

crack origin 

f ;. , 4L".  2 .  :lID ~1~, 

" ' - "  '. . q  r a . ~  

. .  .. a . . . .  ~ ,  "~n,;: 

~" crack path 

/ s m a r t  Si-crystats 

cracked Large 
Si-crystals 

Figure 7 Schematic description of the fracture mechanisms 
for the PM silicon-dispersed aluminium alloy at room 
temperature. 

tempered material at room temperature is attributed 
to the effect of precipitation hardening, which over- 
comes the negative effects of the silicon crystal growth 
and the matrix recrystallization occurring during heat 
treatment. A comparison of Figs 8a and b shows that 
the influence of the extrusion temperature on fracture 
morphology can still be observed from the difference 
in microvoid sizes, even though the heat treatment was 
performed afterwards. Debonding at the PPBs was 
occasionally observed, but the occurrence was less as 
compared with that in the as-extruded material. This 
implies that the interparticle bonding was improved to 
a certain extent by the T6 temper. According to the 
SEM fractographic observation and tensile behaviour, 
the fracture process of the T6-tempered material is 
basically the same as that of the extruded material 
in spite of the fact that the aluminium matrix was 
recrystallized and precipitation occurred. The optical 
fractography (Fig. 9) gives a clear confirmation of the 
fracture mechanisms proposed above. Many primary 
silicon crystals were cracked and large dimples are 
located around them, as indicated by arrows in Fig. 9. 
The cracked silicon crystal particles formed a discon- 
tinuous separation of the specimens on the transverse 
sections. The linkage of the cracked silicon crystals 
and debonded interfaces resulted in the final failure of 
the material. 

3.3.2. At elevated temperatures 
The fracture morphology of the specimens tested at 
100 and 200 ~ C is similar to that at room temperature, 
and thus the fracture mode cannot be expected to 
differ very much. The fracture at a higher temperature 

is of more interest. Fig. 10 shows the SEM fracto- 
graphs of the extruded and T6-tempered material frac- 
tured at 300 ~ C. In comparison with Figs 2 and 8, there 
is no significant difference in microvoid size, which 
implies that the exposure to this temperature for 100 h 
did not cause a great growth of the silicon crystals. 
The debonding at the PPBs at 300~ in a brittle 
manner is not evident, because in this case the material 
could yield by a process of thermally-activated disloca- 
tion cross-slip, before the stress reached a sufficient 
level to cause a direct separation along the PPBs. 
However, it is observed that large dimples are situated 
at the PPBs. This indicates that a process ofmicrovoid 
initiation, growth and coalescence occurred at the 
PPBs during tensile testing. Figs 10a and c show the 
triple conjunction of the prior powder particles, which 
is clearly outlined by large dimples. This is direct 
evidence of the PPBs being involved in the fracture of 
A1-Si al!oy at the high temperature. 

It can also be seen from Fig. 10 that the dimples 
are generally larger and deeper, but not uniform 
in size. Optical fractography on the longitudinal 
section revealed a much lower occurrence of the pri- 
mary silicon crystal cracking. Large dimples around 
the primary particles were found. It can be understood 
that at that temperature the material can adjust itself 
to accommodate the strain to some extent during 
tensile testing. Because the massive silicon crystal dis- 
persion in the material greatly restricts the motion of 
dislocations, the decohesion between the relatively 
large, primary silicon crystal particles happens where 
the strain discontinuity is great enough to create new 
interfaces by decohesion. With a further increase of 

Figure 8 SEM fractographs of the T6-tempered specimens extruded at (a) 325 ~ C, and (,b) 450 ~ C, showing the influence of extrusion 
temperature on the microvoid size of the heat-treated material, and the coarsened microvoids after the T6 temper. 
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Figure 9 Optical fractographs of the T6-tempered specimens, showing the cracking of the primary silicon crystal particles and the decohesion 
at the interfaces between the eutectic silicon crystal particles and the matrix. 

the tensile stress, the initiation of  microvoids shifts 
to the smaller silicon crystal particles while the 
previously formed microvoids grow. Because silicon 
crystals are not continuous on the transverse sections, 
there is some space for the microvoids to grow and 
coalesce until the final linkage of the decohered inter- 
faces. This gives rise to some ductility of  the PM 
material at this temperature, as shown in Table I. 
Therefore, the material at 300~ principally shows 
a ductile type of fracture, although the decohesion 

between the silicon crystals and the aluminium matrix 
as well as at the PPBs is involved in the fracture 
process. 

It can also be noted from Fig. l0 that the dimple 
size is greater for the material having experienced the 
T6 temper. As stated earlier, it is governed by the 
number of  initiated microvoids and the latter is, in 
turn, related to the size of  the silicon crystals. In the 
T6-tempered material, silicon crystal particles were 
coarsened during the solution treatment at 470 ~ 

Figure 10 SEM fractographs of the specimens fractured at 300 ~ C, (a) extruded at 325 ~ C, (b) extruded at 450 o C, (c) extruded at 325 ~ C and 
T6-tempered, and (d) extruded at 400~ and T6-tempered. 
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and hence microvoids initiated at a lower stress. At 
300 ~ C, the effect of precipitation strengthening was 
diminished, the main strengthening mechanismloeing 
the silicon crystal dispersion. The T6-tempered material 
with coarsened silicon crystals, therefore, exhibits 
a lower strength than the extruded materiall This 
accounts for the tensile properties at the elevated tem- 
perature as shown in Table I. The result suggests that 
for the material used at 300 ~ C, the T6 temper can be 
eliminated as it brings about coarsening of the silicon 
crystal particles and thus early occurrence of micro- 
void initiation as well as final failure. 

4. C o n c l u s i o n s  
1. The silicon-dispersed aluminium alloy, produced 

via the powder metallurgy route, at room temperature 
shows a fracture mode different from that of common 
aluminium alloys. It fractures in a brittle manner, but 
very fine dimples appear on the fracture surface. 

2. It is suggested that the fracture mechanisms of 
the PM silicon-dispersed aluminium alloy in the 
as-extruded and as-T6 tempered states, at and below 
200 ~ C, involve primary silicon crystal cracking and 
the decohesion between the eutectic silicon crystals 
and the aluminium matrix, as well as between the 
prior powder particles. The cracking of the primary 
silicon crystal particles is mainly responsible for the 
low ductility of the material. 

3. The microvoid size on the fracture surface corre- 
sponds well to the silicon crystal size. The material 
with the finer silicon crystal particles obtained at a 
lower extrusion temperature thus exhibits a higher 
strength value. Retention of the fine silicon crystals 
in the extrusion process is of great importance to 
approach the intrinsic strength of the PM alloy. 

4. The material at 300 ~ C fractures in a ductile man- 
ner by microvoid nucleation, growth and coalescence 
at the interfaces between the silicon crystals and the 
matrix and at the prior powder particle boundaries. 

5. The lower strength of the T6-tempered material 
at 300 ~ C results from the coarsening of the silicon 
crystal particles occurring during the heat treatment. 
It is thus suggested that for the material used at this 
temperature, the T6 temper is not necessary. 
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